Phase-field Simulation of Microstructural Evolution of γ Precipitate in γ′ Matrix in Binary Ni-Al Alloys  by Sun, Weihua et al.
 Procedia Engineering  36 ( 2012 )  200 – 206 
1877-7058 © 2012 Published by Elsevier Ltd.
doi: 10.1016/j.proeng.2012.03.031 
 IUMRS-ICA 2011 
Phase-field Simulation of Microstructural Evolution of Ȗ 
Precipitate in Ȗƍ Matrix in Binary Ni-Al Alloys 
Weihua SunaˈSenlin CuiaˈLijun ZhangbˈYong Dua,*, Baiyun Huanga 
a State Key Laboratory of Powder Metallurgy, Central South University, Changsha, Hunan 410083, P.R. China 
 b Interdisciplinary Centre for Advanced Materials Simulation (ICAMS), Ruhr-University Bochum, Bochum, 44801, Germany 
Abstract 
The microstructural evolution of Ȗ precipitates (Ni with fcc_A1 structure) in Ȗƍ matrix (Ni3Al with L12 structure) in 
the binary Ni-Al alloys was studied by means of the multi-phase-field (MPF) approach. The thermodynamic driving 
force and diffusivities were taken from the CALPHAD databases via the TQ interface. The thermophysical 
parameters, interfacial energy, elastic constants, and lattice mismatch were all set to be experimental values. The 
morphology evolution of one, two and multi Ȗ precipitates in Ȗƍ matrix were analyzed via the present phase-field 
simulations. A splitting behavior of two close precipitates was also observed. In the case of multi Ȗ precipitates, the 
shape of the precipitates is spherical at the stage of nucleation, then cuboidal during growth stage, and becomes plate-
like at the stage of coarsening, which shows good agreement with the experimental results. 
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1. Introduction 
The Ȗƍ phase (Ni3Al based intermetallics with L12 structure) is suggested to have potential as high 
temperature structure materials. However, they suffer from brittleness at low temperature and low creep 
resistance at high temperature. The precipitation of ductile Ȗ phase in Ȗƍ phase can overcome this problem 
by improving the strength, ductility and creep resistance [1, 2]. In order to optimize alloy composition and 
heat treatment schedule, understanding the microstructural evolution during solidification and subsequent 
heat treatments in such alloys is indispensable. Among various computational methods available in the 
literature, the multi-phase-field (MPF) method developed by Steinbach and his co-workers [3, 4] is one 
powerful tool for the simulation and prediction of complex microstructural evolution in various materials. 
Though the microstructural evolution of Ȗƍ precipitate in Ȗ matrix has been extensively investigated by 
researchers [5-7] using the phase-field method, there is no any report about the phase-field simulation of Ȗ 
precipitate in Ȗƍ matrix available in the literature. 
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Consequently, the MPF method is employed in the present work to study the microstructural evolution 
of Ȗ precipitate in Ȗƍ matrix in binary Ni-Al alloys. The morphology evolution of Ȗ precipitate during the 
nucleation, growth and coarsening stages is to be analyzed, and the simulations are compared with the 
experimental results. 
2. The multi-phase-field model 
We start from a general free energy functional separating different physical phenomena, interfacial f intf, 
chemical f chem, and elastic energy f elast [3] 
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where N is the local number of phases, and ĳĮ is the phase field of an Į phase/grain. We have the sum 
constraint: 
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ıĮȕ is the interfacial energy between the phases/grains Į and ȕ. ȘĮȕ is the interfacial thickness, which is 
assumed to be equal for all the interfaces. h(ĳĮ) is a monotonic coupling function. fĮ(ciĮ) is the bulk free 
energy density of the individual phase. 
~
iP  is the diffusion potential of component i introduced as a 
Lagrange multiplier to conserve the mass balance between the phases: 
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DH  is the total strain tensor in phase Į, *DH  is the eigenstrain of transformation, and CD  is the elasticity 
matrix.  
The evolution equations for the phase field, concentration and strain tensor can be derived from 
variation principle with respect to the above free energy functional 
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where μĮȕ is the interfacial mobility and ¨GĮȕ is the driving force, consisting of the chemical part, 
chemGDE'  and the elastic part elastGDE' , 
~
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The chemical part of driving force can be linked to the real CALPHAD (CALculation of PHAse 
Diagram) thermodynamic database via the TQ interface [8], which is incorporated in MICRESS 
(MICRostrcture Evolution Simulation Software) [9] based on the MPF method. MĮ is the chemical 
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mobility in phase Į and can also be directly obtained from the CALPHAD atomic mobility database. 
iP  is 
the mean diffusion potential of component i, which is equal to the diffusion potential of component in 
each phase according to the so-called quasi-equilibrium condition [4] (i.e. the condition of equal diffusion 
potential). 
*
= ( )s CD D D DH H  is the stress tensor. 
3. Simulation condition 
All the simulations were performed in a 2D domain with 400 × 400 grids (grid spacing: 0.1μm). The 
periodic condition is utilized for the boundaries. The simulation temperature is 1273 K. All the 
phases/grains were assumed to be isotropic, and the interfacial energy ıĮȕ is 5·10-6 J cm-2.The interfacial 
mobility μĮȕ = 2.96·10-10 cm4 (J s)-1 is used to guarantee the diffusion-controlled transformation [3]. The 
experimental lattice parameters for the Ȗ and Ȗ´ phases at the equilibrium concentration are aȖ = 
0.36023nm, aȖ´ = 0.361306nm [10], resulting in a misfit of į = (aȖ– aȖ´)/aȖ´= –0.00298. The 
experimental elastic constants for Ȗ and Ȗ´ phases at the equilibrium composition are C11 = 205.76GPa, 
C12 = 148.06GPa, C44 = 89.33GPa for Ȗ phase [11], C11 = 196.27GPa, C12 = 143.1GPa, C44 = 92.79GPa 
for Ȗ´ phase [12]. The chemical driving force and chemical mobility are linked to the corresponding 
thermodynamic and atomic mobility databases from Zhang et al.[13] via the TQ interface. The stress-
strain calculations were approximated in 2D by the plane strain condition, i.e. the domain was set to 
expand freely during transformation, but retain its rectangular shape. 
Four Ni-Al binary alloys with the initial compositions of 21.393 at.% Al, 21.67 at.% Al, 21.947 at.% 
Al, 22.224 at.% Al were employed in the present simulation, which were denoted as Alloy 1, Alloy 2, 
Alloy 3 and Alloy 4 in the following text, respectively. The equilibrium volume fractions of the Ȗ 
precipitates are 0.1998, 0.1632, 0.12659 and 0.09 for respective alloys. Three kinds of cases were studied 
in the present work. The case with one Ȗ precipitate was simulated first to check the stability of all the 
thermophysical and numerical parameters, and provide the information for the microstructural evolution 
of single Ȗ precipitate in Ȗ´ matrix. The case with two Ȗ precipitates close to each other was then 
simulated, the results of which can reveal the different microstructure from that in the case with one 
precipitate due to the superposition of two concentration and elastic fields. Finally, the case with multi Ȗ 
precipitates was simulated, and the simulation in this case is compared with the experimental results. All 
the phase-field simulations were executed using MICRESS. 
4.  Results and discussion 
4.1. The system with one Ȗ precipitate 
The phase-field simulated microstructural evolution for one Ȗ precipitate of Alloy 3 with the initial 
composition of 21.947 at.% Al is presented in Fig. 1. As can be seen, Ȗ precipitate nucleates spherically 
from the Ȗƍ matrix, and then gradually grows into cubic shape due to the coherent elastic stress caused by 
lattice mismatch between the Ȗ precipitate and Ȗƍ matrix. In fact, we also simulated the other three alloys, 
and the similar phenomena were obtained. Thus, no other results are presented here to conserve space. 
The simulation results indicate that the equilibrium volume fraction has negligible effect on the shape of Ȗ 
precipitate. 
The evolution of the corresponding driving force including chemical, elastic and total driving force, 
and the volume fraction of the Ȗ precipitate in the same alloy is shown in Fig. 2. The driving force is 
calculated for a point locating in the interface, like point A labeled in Fig. 1(b). It can be seen from the 
figure that all the driving forces decrease and the volume fraction increases during the nucleation and 
growth stages. After that, the chemical and elastic driving forces become constant, and the total driving 
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force equals to 0. At the mean time, the volume fraction of Ȗ precipitate reaches the equilibrium value. It 
means that Ȗ precipitate grows into stable state from that time. The simple but reasonable results shown in 
Fig. 2 indicate that the present set of thermophysical and numerical parameters can result in reliable 
simulations. 
 
 
Fig. 1. The phase-field simulated concentration field for Alloy 3 (21.947 at.% Al) with one Ȗ precipitate annealed at 1273 K for (a) t 
= 50,000 s, (b) t = 200,000 s, and (c) t = 9,000,000 s. 
 
 
Fig. 2. (a) The chemical driving force, elastic driving force, and total driving force at the interfacial point A (shown in Fig. 1b), and 
(b) the volume fraction of the Ȗ precipitate in Alloy 3 along with the simulation time due to the present phase-field simulation. 
4.2. The system with two close Ȗ precipitates 
Though the case with two Ȗ precipitates which are far enough from each other will lead to almost the 
similar result as the case with one Ȗ precipitate, the results should be different when the two Ȗ precipitates 
are close to each other, in which the superposition of the individual concentration and elastic fields will 
occur. In this case, different microstructures can be obtained, and useful hints can be provided for the 
later simulation with multi precipitates. 
Figure 3 shows the phase-field simulated microstructural evolution for Alloy 3 in the case with two 
closed Ȗ precipitates. The simulated results of the other three alloys are similar. As indicated in the figure, 
two Ȗ precipitates nucleate spherically, and then grow into cubic shape due to the coherent elastic stress. 
At a certain time during the growth stage, the two precipitates contact with each other, and continue to 
grow due to relatively larger chemical driving force compared to the elastic one, as well as the fact that 
the distance between the two Ȗ precipitates is too short. As the effect of the chemical driving force 
decreases, the two precipitates will be separated again due to the effect of the elastic driving force. During 
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the separation, in fact, the solute Ni diffuses from the contact interface (inside region of the precipitate) to 
the outside region of the precipitate, allowing the precipitates grow to the side far from the contact 
interface. After the two precipitates separate completely, the elastic energy is relaxed and the total energy 
of the system is decreased. Such a splitting behavior has also been observed in the precipitation of Ȗƍ in Ȗ 
matrix under applied stress [14, 15]. Moreover, it should be noted that the shape of the two precipitates is 
not the regular or symmetrical cubic, especially for the side close to each other, which is concave. This 
concave side can hinder the growth of both precipitates into each other.  
 
Fig. 3. The phase-field simulated concentration field for Alloy 3 with two close Ȗ precipitates annealed at 1273 K for (a) t=50,000s, 
(b) t=200,000s, (c) t=750,000s, and (d) t=4,000,000s. 
4.3. The system with multi Ȗ precipitates 
We now perform a phase-field simulation of multi Ȗ precipitates in Ȗƍ matrix for Alloy 3. The 
corresponding results are presented in Fig. 4(a) to 4(f). As can be seen, 58 precipitates nucleate 
spherically in a random distribution, grow into cubic shape, and finally form a plate-like pattern during 
the coarsening process. The plate-like precipitates align along the [100] and [001] directions because of 
the coherent relationship between the precipitate and matrix. Moreover, the splitting behavior of two 
precipitates demonstrated in the case with two precipitates is also observed in multi precipitates, as 
marked by a circle in Fig. 4 (b) and (d). As shown in Fig. 4 (d) to (f), large precipitates start to grow while 
the small ones dissolve, indicating that the stage of coarsening starts. However, the detailed analysis of 
the coarsening stage will subject to a further publication considering the limited space here. 
 
Fig. 4. The phase-filed simulated microstructural evolution for Alloy 3 with multi Ȗ precipitates at 1273 K: (a) t=5,000s, (b) 
t=50,000s, (c) t=150,000s, (d) t=500,000s, (e) t=2,000,000, and (f) t=3,500,000s. 
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The much more interesting point here is that the morphology evolution from spherical to cubic and 
then plate-like pattern due to the present phase-field simulations agrees well with the most recently 
experimental results in binary Ni-Al alloys by Ma and Ardell [16]. Though the simulation is performed at 
1273 K, 350 K higher than the experiments [16] in order to have faster diffusion and a shorter process 
time to mimic it by the numerical simulations which are bound to an explicit time stepping scheme, the 
similarity in the morphology evolution between the simulation and the experiments indicates that the 
phase-field simulation coupled with the reliable thermodynamic and diffusivity databases is promising for 
quantitative prediction of the experimental information. 
5. Conclusions 
The multi-phase-field is employed to simulate the microstructural evolution of Ȗ precipitates in Ȗƍ 
matrix in the binary Ni-Al alloys. The CALPHAD-type thermodynamic and diffusion databases provide 
the driving force and diffusivities via the TQ coupling. The nucleation, grain growth and coarsening 
processes are simulated and the morphology evolution agrees with the experimental phenomenon. 
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